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iBMA-12.7 copolymer, at whose copolymer composition 
a minimum point appears, is smaller than those of the two 
copolymers neighboring with respect to the copolymer 
composition; this may lead to good miscibility with respect 
to molecular weight compared to the respective neigh- 
boring blends. Also, the tacticities of the nBMA4BMA 
copolymers used here are scarcely dependent on the co- 
polymer composition as shown in Table 11. 

Concerning the dependence of miscibility on the VAc 
content, miscibility should be less as the VAc content 
increases. However, Figures 4-6 do not explicitly show 
such a behavior. The phase separation temperature is 
determined by the molecular weight as well as the co- 
polymer composition. The molecular weights of VC-V- 
Ac-87 and -81 are considerably small compared to that of 
VC-VAc-90 and also the molecular weight of VC-VAc-81 
is larger than that of VCmVAc-87. Therefore, the wider 
miscibility region with respect to temperature for the 
VC-VAc-87 blends may be due to the comparably low 
molecular weight of VC-VAc-87. 

For the present systems, if the respective VC-VAc co- 
polymers are regarded as homopolymers as described 
above, the present systems are the blends of an A,, and 
(CXD1& type, where A, C, and D correspond to the 
VC-VAc, iBMA, and nBMA monomers, respectively. 
Then, the intermolecular x can be written from eq 1 as 

x = XXAC + (1 - x)xAD - x(1 - x)XCD (5 )  
As is clear from eq 5, the intermolecular x can be positive 
in a certain range of the copolymer compositions even 
though all the segmental xij's are negative. Then, the 
following relation is satisfied a t  that temperat~re: '*~?~,* 

k C D 1  ' (IXAC1'/2 + IxAD11/2)2 (6) 
In the present systems, lxcDl between iBMA and nBMA 

appears to be considerably large compared to both lx~cl 
and lxADl because miscibility for the PiBMA/PnBMA 
blend is much more than those for the VC-VAc/PiBMA 
and Vc.VAc/PnBMA blends except the blend with VC- 
VAc-97.5. Therefore, if the blend ratio, 1/1, investigated 
for the present systems is very close to the critical con- 
centration, there may be a possibility of an immiscibility 
region in the present systems. Then, around the tem- 
perature corresponding to the minimum point in the 
miscibility-immiscibility boundary line, the intermolecular 
x changes from negative to positive and again to negative 
values with the copolymer composition. 
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ABSTRACT The long periods of quenched polymers [in particular linear polyethylene (PE)] of various 
molecular weight distributions have been determined by sd-angle X-ray scattering according to the correlation 
function, Porod, DAB, and paracrystalline analysis. It is shown that neither of the average molecular weights 
M,, nor M, governs the morphology of the semicrystalline state of polymers. The weight-average dimension 
rw - M,'12, of the coils in the melted state before crystallization is the main parameter that controls the 
morphology of the solid state, including long periods, amorphous layer thickness, and crystallinity. This 
correlation law between the melted and solid states is general, and comparisons between PE, poly(ethy1ene 
terephthalate), poly(tetrahydrofuran), and polypropylene are discussed. The role of entanglements during 
crystallization is clearly analyzed by measurements of the crystallinity x(M,), which is a linear function of 
l / r w  and which extrapolates to 1 for a molecular weight of the order of M,, the critical mass between 
entanglements. Models of crystallizations involving a balance between the enthalpy of crystallization and 
the energy of distortion of the entangled amorphous chains explain the dependence of the long period and 
the amorphous layer thickness on supercooling and molecular weight. Finally, the different behavior of 
amorphous chains of semicrystalline polymers crystallized by slow cooling (relaxed chains) and rapid cooling 
(constrained chains) is pointed out. The transition between the two regimes of crystallization at high and 
low supercooling is analyzed in terms of chain dynamics rather than nucleation. 

1. Introduction 
It is well-known that all properties of bulk-crystallized 

polymers are drastically dependent on the molecular 
weight and crystallization temperature.lP2 The influence 
of these parameters on the morphology of the semicrys- 
talline statez4 and on the kinetics of ~rystallization~.~ is 
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well documented. It has been recognized only recently that 
the morphology on a lower scale, the lamellar arrangment, 
is also dependent on the molecular weight distribution.'-16 
In monodisperse fractions and mixtures of monodisperse 
fractions of polyethylene (PE) the long period deduced 
from the maximum intensity of small-angle X-ray scat- 
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Table I 
Characteristics of the Polymers" 

Macromolecules, Vol. 22, No. 9, 1989 

I. Monodispersed PE (SNPA) 
1 0 3 ~ ~  10.5 21.3 31.3 42 60 

I 1.1 1.1 1.09 1.1 1.05 

1 0 3 ~ ~  120 95 143.6 
1 0 3 ~ ~  22 9.6 17.9 
I 5.4 9.9 8 

1 0 3 ~ ~  9.95 19.4 28.7 38.2 57 

11. Polydispersed PE 

111. PTHF 
1 0 3 ~ ~  37 104.7 

I 1.19 1.1 
1 0 3 ~ ~  31 95 

1 0 3 ~ ~  27.8 28.4 32 36.3 42.2 43.7 
IV. PET 

1 0 3 ~ ~  12.7 17 16.4 18 22.4 
I 2.2 1.67 1.95 2 1.95 

v. PP 
1 0 3 ~ ~  173 206 208 2 20 262 273 

I 4.7 5.5 4.3 4.5 5.4 5.1 
1 0 3 ~ ~  37 37.7 48.5 48.8 48 54 

a M,  and M,,, weight- and number-average molecular weights; I ,  polydispersity. 
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tering (SAXS) curves is a linear function of the weight 
average of the dimension rw of the  coil^.'^ Using electron 
microscopy, Voigt-Martin et a1.12-16 have also found that 
the long spacing in monodisperse PE  increases with the 
molecular weight. 

The exact role played by polydispersity in the deter- 
mination of the properties (morphological and mechanical) 
of semicrystalline polymers is not understood. No kinetic 
or thermodynamic theory has predicted the influence of 
the distribution of the molecular weight, that is, the in- 
fluence of the different types of average molecular weights 
(M,, M,) on the longer period L, on its fluctuations, or 
more exactly on the disorder of the lamellar arrangment, 
and on the crystallinity. 

The aim of this work is to show that these parameters 
are not given by the moments M ,  or M, of the distribution 
of the molecular weights but rather by a value M, between 
M, and M,, which is proportional to the square of the 
weight average of the dimension of the coil in the melted 
state. 

Under SAXS Analysis we compare the long periods and 
the crystalline layer thicknesses obtained by SAXS mea- 
surements using paracrystalline and correlation function 
analyses. The long periods measured by SAXS are then 
compared to those obtained by Voigt-Martin et al. by using 
electron microscopy. It is shown that the correlation be- 
tween the melted and the solid states observed for weakly 
polydisperse PE  is also valid for highly polydisperse ma- 
terials and for other semicrystalline polymers. Under 
crystallinity we show that the crystallinity measured by 
differential scanning calorimetry (DSC) and by wide-angle 
X-ray scattering (WAXS) is determined (as L )  by the 
average dimension r,. The role of entanglements is em- 
phasized. In the next section we show that the crystalline 
core thickness in semicrystalline polymers, unlike the 
amorphous layer thickness, is independent of the molecular 
weight distribution. In the last section we propose a model 
of crystallization in which the distance between entan- 
glements and the dimensions of the coils in the melted 
state plays an important role. In this last section we give 
a new interpretation of the transition between the two 
regimes (I and 11) of crystallization, which is based not on 
the concept of secondary nucleation theories but on the 
notion of diffusion-propagated stress on the amorphous 
chains induced by crystallization. 

This paper is principally devoted to linear PE  crystal- 
lized by quenching, although some comparisons with other 
semicrystalline materials are given. It will be followed by 
another paper (part 2)) in which we study the morphology 
of slow-cooled PE and show that in this case the solid and 
melted states are still correlated. 

2. Materials 
We report in Table I the number- and weight average molecular 

weights M ,  and M,, the polydispersity I = M, f M,, and the weight 
average rw of the end-to-end distance of the coils in the melted 
state. In this ideal state, the unperturbed dimension rw of the 
coils is defined by 

(1) 

where wi and Mi are the concentration and the mass of species 
i given by gel permeation chromatography (GPC) and intrinsic 
viscosity measurements. The end-bend distance of the PE chain 
of mass Mi is given by ri = 0.95M:/2 - Mil7 The molecular weight 
average Mr defined by the above relation is a moment of the 
molecular weight distribution function such that M ,  C Mr C M,. 
The monodisperse PE comes from SNEAP (SociBtB Nationale 
Elf aquitaine), and the highly polydisperse PE was synthetized 
by Spitz. Poly(ethy1ene terephthalate) (PET) was supplied by 
Rhone-poulenc poly(tetrahydr0furan) and (PTHF) by Polymer 
Laboratories. These materials have been previously character- 
i ~ e d . ~ ~  The materials PE, polypropylene (PP), and PTHF had 
been quenched in water at 20 "C; samples of the same thickness 
(e N 1.5 mm) were sandwiched between aluminum foils. PET 
was crystallized from the glassy state by annealing 5 min at 160 
"C. 

The blends of monodisperse PE were made as explained in ref 
8. Care was taken to obtain homogeneous blends of high molecular 
weight polymers. The fractions were dissolved in xylene at 120 
"C for 1 h and quenched at 20 "C; the solvent was evaporated 
and the blends were then melted and annealed at 150 "C for 
several hours in a silicone oil bath to avoid oxidation and then 
quenched to room temperature. 

3. SAXS Analysis 
3.1. Bragg Long Periods of PE. The SAXS intensity 

curves were obtained at the LURE synchrotron. The beam 
dimension was 0.3 X 0.3 mm2 and the distance sample- 
counter was 2 m. Typical scattering curves obtained with 
this experimental setup have been given in ref 7. In Figure 
1, we give the long periods L deduced from the maximum 
of the SAXS intensity peak by application of the Bragg 
law (hereafter called Bragg long period) as a function of 

rw = CwiMi1/2 = MrlP 
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10K 230K 
3 0 K + 2 3 O K  x 

Figure 1. Long periods L of blends of monodisperse PE deduced 
from the SAXS intensity peak as a function of the square root 
of the molecular weight M. (heavy lines) and M, (dashed lines). 
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Figure 2. Long periods of quenched PE as a function of the 
weight-average dimension r, of the coils in the melted state. The 
long periods are deduced from the maximum of the SAXS in- 
tensity peak L, from the correlation function K(z)L,, and from 
microscopy studies-L,, and L, (after Voigt-Martin et al.l4)). 

the square root of the molecular weights M, and M,. It  
is clear from these figures that neither M ,  nor M ,  is the 
parameter that controls the long period. Two materials 
of the same M,, (M,) but different M, (M,) have different 
long periods. The plateau observed in ref 8 is no longer 
observed. We think that this is due to the fact that the 
high molecular weight blends are more homogeneous. 

In Figure 2, one recalls the correlation law for polydis- 
perse PE: the Bragg long period L of the semicrystalline 
state is related to the weight average rw of the dimension 
of the coils in the ideal liquid state by the linear relation 

(L ,  rw in A) (2) 

where r,  is given by eq 1. 
At this stage an important point must be noted. We 

have reported that for high molecular weight M > M* = 
lo6 the long period remains constant. Similar results have 
been found by Hsiue et al.l0 This is not confirmed by our 
present results and probably reflects differences in the 
preparation of the samples: all the present blends were 
annealed in the melted state longer than the relaxation 
time defined in ref 7, 10, and 12. 

L = Lo + arw = 117 + 0.56rW 

I A0 ne! 
i 

monodisperse M 
D A 30K 10K+230K t 1mK) M]pE 

A )OK +60K 
7 polydisperse P /' 

I J 

1 1 I I 1 1 I *  

200 LOO 600 r, 
Figure 3. Half-width l/zAB/B of the SAXS intensity peak as a 
function of the weight-average dimension of the coils rw for 
quenched PE and PTHF, slow-cooled (2 "C/min) PE, and PET 
crystallized from the amorphous state. 

The correlation coefficient of this law for the 25 studied 
samples is 0.96. The master curve L(r,) must be consid- 
ered as a calibration curve. Then for a PE of unknown 
molecular weight, the measure of the Bragg long period 
L of the sample (crystallized in the same manner as the 
materials studied here) will give the average molecular 
weight M,. The relative accuracy of M, is in principle equal 
to the relative accuracy of the long period, which is about 
2 70. This value is about 1 order of magnitude less than 
the accuracy in the determination of the molecular weight 
by GPC. This precision has been obtained with the same 
experimental setup, using PE of the same molecular weight 
but of different r, values, the change of r, being obtained 
by changing the melting temperature (see, for example, 
ref 12). Therefore, the mean deviation of the experimental 
points from the solid curve of Figure 3 obtained by the 
least-squares method would be due to the accuracy of the 
molecular weight distribution determined by GPC and not 
to the accuracy of the determination of the scattering angle 
corresponding to the SAXS peak. 

Another important point to note is that the shift of the 
SAXS intensity peak toward a low angle is accompanied 
by an increase in the relative width of the peak. As noted 
for L,  we did not find any master curve when A010 was 
plotted as a function of M,  or M,. In Figure 4, we show 
that the half relative width of the SAXS peak is a linear 
function of the weight average r,  for quenched and slow 
cooled P E  and for quenched PTHF: 

A0/20 = 0.18 + erW (3) 
The slope t of the curve A0120 as a function of Mr112 is 
somewhat higher for quenched PE than for quenched 
PTHF. 

In conclusion, the Bragg long period L and the width 
of the SAXS intensity peak are governed by the same 
parameter: the weight average of the dimension of the 
coils. Thus they are governed by the average molecular 
weight M,. It is clear from electron microscopy data13-16 
that the morphology becomes less ordered when the mo- 
lecular weight increases. The simultaneous increase of L 
and of A010 with M, brings up the classical problem of the 
interpretation of the maximum of the SAXS peak intensity 
in the more or less disordered two-phase structure. The 
measurement of the characteristic dimensions of the do- 
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constant (obviously proportional to the crystallinity). 
Therefore, in the studied domain 0 < 0 < rad, for each 
sample the fluidlike component can be considered as 
constant. For the Vonk analysis the SAXS intensity curves 
have, therefore, been corrected for this fluidlike compo- 
nent. It is known that the transition zone thickness can 
in principle be deduced from the plot ( I ( s )  - vs s2. 
The values of the thickness e of the transition zone are 
found to be of the order of 5 A, which is about the accuracy 
of the measurements, owing to the statistics of the counts 
measured on the linear counter and to the finite angular 
domain studied. In conclusion, the interface in linear PE 
can be considered as sharp and not dependent on the 
molecular weight. Important transition zones (e - 10-20 
A) have been found only in low-density PE1sJ9326 and in 
segregated block copolymers and blends. 

I t  is important to note that a sharp change in the elec- 
tron profile across the crystal-amorphous boundary layers 
does not mean that there is no density gradient between 
the two phases. Transition layers are not ruled out by the 
present Porod analysis. In a following section we will show 
that the sharpness of the crystal-amorphous boundary is 
confirmed by the behavior of the correlation function y ( z )  
near the origin. 

3.3. Correlation Function Analysis (Strobl Analy- 
sis 26). The analysis of the SAXS intensity curve based 
upon the one-dimensional electron-density correlation 
function has been given by Vonk and Kortleve.18J9 These 
authors calculated the experimental correlation function 
as 
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Figure 4. Comparison between the Bragg long period of quenched 
polymers: monodisperse PE and PTHF and polydisperse PP and 
PET. PET was crystallized from the glassy state by annealing 
at 160 "C. 

mains can be deduced from the SAXS curve if some as- 
sumptions are made on the type of arrangement (one-di- 
mensional lamellar arrangement or heterogeneous random 
arrangment). 

The one-dimensional two-phase structure has been 
treated by Vonk and K o r t l e ~ e ' ~ J ~  using the correlation 
function and by Hosemann and Bagghi20 from the para- 
crystalline model. In the following sections we apply these 
analyses for calculating the mean dimensions of the la- 
mellar structure. 

3.2. Deviations from the Porod Law. Deviations 
from the Porod law are due to density fluctuations in the 
amorphous phase and to the finite thickness e of the in- 
terface between crystalline and amorphous layers. The 
density fluctuations increase with the volume of the 
amorphous phase and, therefore, with the molecular weight 
and the temperature. I t  is important to know if the la- 
mellar arrangement is a perfect two-phase structure with 
a sharp or a diffuse interface and if the nature and the 
thickness of that interface depends on the molecular 
weight distribution. 

The generalized Porod law giving the intensity I scat- 
tered at large angles is21-24 

(4) 
K lim I = -(I - 4r2s2e2) + Ib(s) 

s-== s4 

where s is the scattering vector = 2 sin 0/X, 0 the scattering 
angle, X the wavelength of the radiation, and e the tran- 
sition zone thickness. The plot of I ( s )  s4 as a function of 
s4 gives the fluidlike component I&). In PE of various 
molecular weights, the slope of the curve I(s)s4 vs s4 is 

y(z )  = l a s 2 1 ( s )  0 cos 2rsz  ds / las21(s )  0 ds (5) 

I(s) is the experimental SAXS intensity corrected for 
thermal fluctuations. These authors have compared this 
experimental function to the theoretical one of a one-di- 
mensional arrangment with various distribution functions 
for the amorphous and crystalline layers. Strobl et 
do not fit the experimental correlation function with that 
of a theoretical model. They analyzed directly the ex- 
perimental curve K(z )  

K(z )  = r(z)Jms21(s) ds (6) 

in order to deduce the different morphological parameters 
of the structure. This procedure is relevant because for 
PE with a high degree of crystallinity (x  > 0.5), the choice 
of distribution functions is not important. In the above 
relation the intensity I ( s )  has been corrected for back- 
ground scattering due to the fluidlike amorphous phase. 

In this work, we use the procedure of Strobl et al. for 
determining the long period L,,, and the crystalline core 
thickness 1,. The long period L,,, deduced from the first 
maximum of the correlation function K(z),  denotes the 
most probable long spacing. The crystalline core thickness 
lc3,  is given by 

for 0.5 < x C 1 (7)  
Q dK(z) 

I,,, = - - x dz ' 

where Q is the integrated intensity and x the crystallinity 
measured by DSC. In the domain of crystallinity studied 
here, 0.3 < x < 0.7, the crystalline core thickness cannot 
be directly deduced from the correlation curve, and an- 
other technique is necessary for determining x. 

The Porod law observed in this domain is extrapolated 
up to 4s- (smm - 1.6 X A-1). At low angles, s < s,in 
(smin = 8 x lov4 A-l), different extrapolations have been 
performed, and as noted by Vonk and Kortleve and by 
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Strobl et al., these have no influence on the correlation 
function. 

In Figure 2 we report the variation of L,, with MI2 for 
monodisperse PE. The relation 

L,, = Locor + ar, = 94 + 0 . 4 6 ~ ~  (8) 
found for monodisperse PE is also verified for polydisperse 
PE. The slope of the curve for L,,(r,) is somewhat lower 
than that of L(r,) given by eq 2. Equations 3 and 8 give 
the relation between L ,  L,,, and AO/O: 

(9) 

with K N 156 A, independent of the molecular weight. 
This relation shows that the difference between the two 
long periods L and L,, is a measure of the disorder of the 
lamellar arrangement. I t  has been shown that the same 
relation applies for preoriented PET yarn crystallied from 
the glassy state.32 

It is important to note that for all the PE materials 
loo00 < MI < 230000) the correlation function K(z)  near 
the origin shows very weak curvature, indicating that the 
transition zone between the two phases is very sharp (as 
shown by the Porod analysis). Using Strobl analysis, the 
disorder of the two-phase structure cannot be directly 
deduced in a straightforward manner from the experi- 
mental K(z) curve. This parameter is analyzed in detail 
in the paracrystalline analysis. 

3.4. Paracrystalline Analysis. Let us assume that 
the long period of a lemallar arrangment is given a! a 
functional probability P(L)  and that the mean value L is 
constant (independent of M). When the width of the 
distribution function increases, the SAXS intensity peak 
is shifted to low angles and the long period L deduced from 
the peak maximum increases, whereas the mean long pe- 
riod t is constant. This effect has been studied by several 
authors (see for example ref 27-30). Looking at  the ex- 
perimental results of Figures 2 and 3, one may ask if the 
increase of L with r, is a consequence of the increase of 
the disorder. In the paracrystalline model the relationship 
between the true long period L,, the Bragg long period L, 
and the relative width Ad/O of the SAXS peak has the form 

L,.,, = L - KA0/20 
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In summary the long periods deduced from the corre- 
lation functions and from the paracrystalline model are 
of the same order of magnitude and present similar var- 
iations with the molecular weight M,. These two analyses 
are based on the same assumption, that the lamellar ar- 
rangment is one-dimensional. This assumption breaks 
down when the width of the lamellae become comparable 
to the long period. When the molecular weight increases, 
the lamellae becomes curved and the arrangment conse- 
quently becomes less ordered and loses somewhat its 
one-dimensional character. For M 2 2 x lo5, the Debye 
et al. analysis becomes applicable.21 This analysis applied 
to heterogeneous and random two-phase systems is not 
discussed here. Although the exact SAXS analysis of high 
molecular weight PE is far from complete, the one-di- 
mensional model is generally accepted when the lateral size 
and the curvature radius of the crystalline lamellae are 
much greater than the long period. 

Finally, we give in Figure 2 the results of Voigt-Martin 
et al.I4-I6 obtained by transmission electron microscopy 
(TEM) for the long periods L,, and L ,  of quenched 
monodisperse PE, where L ,  is the maximum of the long 
period and L ,  the average value of the distribution P(L)  
measured from electron micrographs. The exact mathe- 
matical definition of these long periods has not been given, 
although the authors claim that these parameters are 
number averages instead of weight averages. This could 
explain why these long periods are shorter than those 
measured by X-ray. The important point to note is that 
here again L ,  and L ,  are linear functions of r, ( wM,'l2). 

In conclusion, the exact mathematical description of the 
lamellar arrangment is difficult to achieve, but the one- 
dimensional model seems to be a useful approximation of 
the structure. The long periods measured by X-ray (L, L,, 
L,) and by electron microscopy (L,, L,), corresponding 
to different values of the distribution function of the long 
period, show the same dependence on the molecular weight 
M,. One important feature is that the ordinates a t  the 
origin of the curves LM,1J2, L,#, and L& have the same 
value (which is about the crystalline layer thickness 1,)9 
Obviously, when the value of M, decreases, the arrangment 
becomes more perfect, the distribution of the long periods 
becomes sharper, and the difference between the various 
moments (L,  L,: L,,,) of the distribution P ( L )  decreases. 

3.5. Comparison between PE and the Other Semi- 
crystalline Polymers. We compare in Figure 4 the Bragg 
long periods of PTHF, PP, and PET with those of mon- 
odisperse PE as a function of M,1/2. The comparison 
between PTHF and PE is particularly interesting. In 
Figure 3 we show that for both types of quenched poly- 
mers, the disorder expressed by the parameter A010 in- 
creases linearly with M,112 and consequently with M,'I2 for 
monodisperse polymers. The disorder is somewhat lower 
for PTHF than for PE for an equivalent molecular weight. 
The application of the correlation function analysis to the 
monodisperse PTHF gives the long period LcDI(A): 

L,,,(PTHF) = 106 + O.52Mn1l2 
(13) 

The application of a paracrystalline model gives similar 
results; L, for PTHF is again a linear function of M;l2 and 
the slope of the curve for L,(M,'12) is of the same order 
of magnitude as that of the P E  sample. 

PE and PTHF obey a similar relation with nearly the 
same coefficient, because both polymers have similar rig- 
idity C:17b 

C = r2 /Na2  (14) 
where r is the end-to-end distance of a chain of N skeletal 

(cf. eq 8 for PE) 

A0 - KO + K- L - -  
LP e 

in the domain of important fluctuations 0.2 < A0 f 0 < 1. 
The constants KO - 1 and K - 0.2 do not vary signifi- 
cantly with the form of the distribution functions P(1J and 
P(1,) of the crystalline and amorphous layers thicknesses. 
This relation, obtained first by Tvanskin, has been dis- 
cussed by several authors (see, for example, ref 28). 
Reckinger e t  al.30-31 deduced the same relation for para- 
crystalline models with bimodal distribution. S l ~ t s k e r , ~ ~  
using light scattering on a paracrystalline arrangement 
printed on a photographic plate, arrived at  the same 
conclusion. This author found that the relative width of 
the light intensity peak scattered at low angles is given by 
the relation 

A L / L  = 0.06 + 0.55A0/0 (11) 

where ALIL is the relative function of the long period of 
the paracrystalline arrangement. Equation 11 is nearly 
identical with eq 10 if one assumes that ALIL N ( L  - 
L p ) / L p .  By putting into eq 10 the experimental values of 
L and AO/O, both functions of r, (eq 2 and 3), one obtains 
the relationship between L ,  and r,: 

(12) 
The application of the calibration curve of Slutsker gives 
a similar relation. 

L, = Lo, + ar, = 120 + O.45rw 
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bonds of length a. The experimental values for for PE 
and PTHF are respectively 6.4 and 6. Conformational 
calculations by Geny" indicate that the radii of gyration 
of the coils of these two polymers in the melted state differ 
only by a factor 1.1. 

The same behavior is observed for highly polydisperse 
PP. A linear increase of L with the number-average mo- 
lecular weight is noted in the small range of molecular 
weight studied here. For the same molecular weight of PE 
and PP, the ratio of the number of skeletal bonds N- 
(PE)N(PP) is 1.5. The ratio of the rigidities C(PE)/C(PP) 
is 1.17 according to F10ry,l'~ therefore the ratio of the 
end-bend distances is r(PE)/r(PP) - 1.3. This is smaller 
than the mean value observed for the ratio of the long 
periods L(PE)/L(PP) N 2. This large difference between 
the two ratios is rather puzzling. We emphasize, however, 
that it is difficult to make a comparison between the 
molecular weights of two different polymers. The deter- 
mination of the molecular weight by GPC requires a high 
degree of solubility of the materials in a solvent. For PE 
and PP the solvent and the temperature during permea- 
tion in the GPC column are not the same, so the dimen- 
sions of the coils of P E  and PP with the same number of 
skeletal bonds can be very different. 

The comparison between PE and PET is interesting 
because these polymers have been isothermally crystallized 
from the melted state and from the glassy state, respec- 
tively. In PET the relative width of the SAXS peak in- 
tensity is constant, the L, values are lower than the Bragg 
values, and the slopes of the curves L and L, vs iW2 are 
the same. The difference in the absolute value of L (and 
of Lcor) between P E  and PET has been related to the 
difference in dynamic rigidity of these two polymers and 
not to the static rigid it^.^ 

In conclusion, the linear relation between L and L,,, vs 
iW2 in isotropic semicrystalline polymers is general and 
is observed for any cooling rate.36 In ref 32 we given one 
exception to that law. I t  is observed in preoriented 
amorphous PET obtained by spinning that crystallization 
above Tg gives rise to a lamellar structure with Bragg long 
periods independent of the molecular weight. The dif- 
ference in the scaling laws L - MI2 and L -W observed 
in isotropic and oriented (or preoriented) materials clearly 
indicates that the process of crystallization is different for 
these two materials. 

For oriented materials it has been proposed that the 
process of crystallization is similar to the spinodal de- 
compo~i t ion ,~~ where the mean distance between segre- 
gated domains is not dependent on the length of the 
chains. 

4. Crystallinity 
The influence of molecular weight on the crystallinity 

of PE was first noted by Richards3' and Burch et al.38 
Recently, Mandelkern et a L 2 s 3  measured the crystallinity 
of monodisperse (27 000 < M < 250 OOO) and polydisperse 
(418000 < M < 6 X lo5) PE; however, the type of average 
molecular weight that controls the crystallinity cannot be 
determined from their data because for high molecular 
weight materials only the viscosity molecular weight M,, 
was known and for low molecular weight only fractions 
were used. 

The crystallinity x was measured by DSC at  a heating 
rate of 10 "C/min and by WAXS according to the Wakelin 

This last method gives an index of crystal- 
linity that is proportional to the DSC crystallinity and 
proportional to the absolute value of the crystallinity 
measured by the Ruland method.24 The index of crys- 
tallinity determined by the Wakelin method depends on 
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Figure 5. Crystallinity x of blends of monodisperse PE as a 
function of the molecular weight averages M,. A similar set of 
curves is observed when x is plotted versus M, (dashed lines). 

the standard crystalline and amorphous reference mate- 
rials. The standard crystalline reference material is a PE 
obtained by extrusion at high pressure. This material of 
crystallinity x N 1 has been randomized according to the 
mechanical method of Sotton et al.42 The amorphous 
standard reference material is the molten state, and the 
WAXS intensity curve of this sample has been extrapo- 
lated to room temperature, knowing the thermal dilatation 
coefficient of the melt state. The x values of these ref- 
erence materials obtained by the Wakelin method are in 
good agreement with those obtained by DSC. The re- 
producibility of both methods is about 1 %. For the fol- 
lowing, the reproducibility of the measurements is much 
more important than the accuracy of the absolute values. 
We are essentially interested here in the variation of x as 
a function of the molecular weight. 

In Figure 5 we give the crystallinity measured by DSC 
of PE fractions and mixtures of fractions as a function of 
M,. Similar curves are obtained (in dashed lines) when 
x is plotted as a function of M,. No master curve is ob- 
tained either for x(M,) or for x(M,). In other words, 
different PES having the same M ,  (or M,) values but 
different M ,  (or M,) values do not have the same crys- 
tallinity. It should be noted that the scatter of the points 
cannot be explained by the accuracy of the measurement 
of x. We point out that the value of x for a monodisperse 
material of molecular weight M is higher (or lower) than 
that of a polydisperse one having a weight-average (or a 
number-average) molecular weight equal to M. Obviously 
the molecular weight that governs the crystallinity is a 
moment of the distribution function intermediate in value 
between the moments M,, and M,. As the long period L 
(and L,) is given by the moment Mr, one expects that this 
moment governs also the crystallinity. 

The linear crystallinity ( l,/L) is inversely proportional 
to the long period and therefore to the weight average of 
the dimension of the coils rW, if ones admits that 1, is 
independent of r, (see next section). In Figure 6 we show 
the crystallinity measured by DSC and by WAXS as 
function of l/rw. It is important to remark that mono- 
disperse, mixtures of monodisperse and highly polydisperse 
materials obey the experimental law 

The constants $ and rc are different for quenched and 
slow-cooled materials. The scatter in the experimental 
points does not seem to depend on the polydispersity. 
Nearly the same correlation coefficients (0.95 and 0.93) of 
the linear regresson x(l/r,) are obtained for polydisperse 
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Figure 6. Crystallinity x of quenched PE as a function of the 
inverse of the average dimension r, of the coils in the melted state. 
The rectanles represent the values determined by Voigt-Martin 
et al. by transmission electron microscopy and by density.13 
The dashed line represents the values of x for slow-cooled PE 
(10 OC/min). 

and monodisperse materials. When plotted as a function 
of L,,, x obeys the experimental law 

x = 0.4 + 51/L,, (15b) 
From Figure 6 and eq 15, one draws the anticipated con- 
clusion that the crystallinity in the domain lo4 I M ,  I 2.5 
X lo6 is determined by the moment M, of the molecular 
weight distribution. Another important conclusion con- 
cerns the role of entanglement in the process of crystal- 
lization: the extrapolated values r, and r,, which lead to 
a crystallinity x = 1, are 53 and 48 A, respectively, for 
quenched and slow-cooled materials, 10 "C/min. This 
value is approximately equal to the mean distance r, = 
M,'/2 between two entanglements in the melted state, the 
critical mass M, between entanglements being of the order 
of 1900 for p~lye thylene .~~ 

In conclusion, in semicrystalline polymers the existence 
of the amorphous phase is due to entanglements in the 
melted state. The morphology of a semicrystalline polymer 
is obviously dependent on the degree of entanglement in 
the melted state before crystallization. In these biphase 
systems, it still remains to identify which factors determine 
the thickness of both domains. Up to now, no attempt has 
been made to explain either the origin of the amorphous 
phase or the origin of the finite crystallinity of semicrys- 
talline polymers. 
5. Thickness of the Crystalline and Amorphous 
Layers 

5.1. Crystalline Core Thickness of PE. We show in 
Figure 7 the crystalline core thicknesses 1, and l,,,. The 
value of the core thickness 1, is deduced from the long 
period L and from the crystallinity x by the relation 

LP, 
P c  - XAP 

4 = x 

where pc and pa are the crystalline and amorphous densities 
and Ap = p c  - pa. The value of l,, is deduced from eq 7. 

The crystalline core thicknesses of polydispersed PE 
obey the relations 

(17) 
and l,,, = 73 A. 

The value of 1, deduced from the Bragg long period is 
obviously overestimated. The important point to note is 
that the increase of 1, with r, is lower than that of L (and 

1, = lo, + @r, = 101 + 0.18rW 
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Figure 7. Crystalline layer thickness of quenched PE as a 
function of the weight-average dimension of the coils r,; 1, is 
deduced from the values of L (Bragg long periods) and the 
crystallinity x; 1, is deduced from the correlation function K(z)  
and from x; Ic(max) and I,(av) are the values determined by 
Voigt-Martin et al. by electron micros~opy.'~J~ 

LmJ and that this increase is due essentially to the increase 
in the relative width of the SAXS peak. In the same figure 
are shown the values of Voigt-Martin et al. obtained by 
electron microscopy of monodisperse PE stained with OsO, 
(from Table I1 of reference 15). These authors, by ana- 
lyzing the histograms, found that the crystalline core 
thickness has a broad distribution ( A l J l ,  3~ 0.5). They 
have defined an average value Z,(av) and an upper limit 
l,(max) of the measured values of the crystalline core 
thickness. The rigorous mathematical definitions of l,(av) 
and l,(max) were not given; however, by comparing these 
values with the distribution function of 1, given by the 
histograms P(l,), one can say that l,(av) is approximately 
equal to the most probable value or the number-average 
value of P(1,) and that l,(max) is a weight average. 
Whereas the mean value l,(av) is constant, the width of 
the distribution P(Zc), measured by the difference Z,(av) 
- Z,(max), increases with molecular weight. This same 
conclusion is drawn from our X-ray measurements. The 
mean value l,,,, which is a most probable value of P(l,), 
is constant, whereas the Bragg value l,, which is very 
sensitive to the width of the distribution P(l,), increases 
with the molecular weight. 

In summary, from electron microscopy and SAXS 
measurements, one can conclude the following: (a) The 
mean crystalline thickness 1, corresponding to the most 
probable value is independent of molecular weight. (b) 
The disorder of the structure increases with molecular 
weight. The width of the distribution P(1,) of the crys- 
talline lamellar thickness increases linearly with MIz. The 
same conclusion is drawn from the distribution of the long 
period P(L). (c )  The values of 1, and I,,, determined by 
SAXS and WAXS, which involve a certain number of 
assumptions, are of the same order of magnitude as the 
values l,(max) and l,(av) determined by electron micros- 
COPY. 

Raman studies of the low-frequency LAM mode show 
that the stem length 1, is more or less independent of the 
molecular weight d i s t r i b u t i ~ n . ~ . ~ ~  A systematic study of 
the stem length as a function of the molecular weight 
distribution using this direct technique would ould be 
interesting because of its high accuracy. However, in light 
of results already published and of our work, no great 
change is expected in the values of 1, with the molecular 
weight distribution. 
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Figure 8. Comparison between the crystalline layer thickness 
1, of PE, PTHF, PP, and PET. 

5.2. Comparison between the Crystalline Core 
Thickness of the Different Semicrystalline Polymers. 
In Figure 8 we compare the 1, values of PE, PTHF, PP, 
and PET as a function of molecular weight; the comparison 
between the different polymers permits one to conclude 
that the increase of 1, with M1/2 (when observed) is cor- 
related to the increase of disorder of the structure with 
MI2. The same conclusion was also reached in the pre- 
ceding section concerning PE. We make the following 
remarks concerning Figure 8: (a) Polymers of similar 
nature (similar rigidity) and crystallized in the same way, 
like PE and PTHF, have similar 1, (and 1,) values. The 
disorder (as represented by the relative AO/6) of PTHF 
increases slower with Mi2 than that of PE, consequently 
the increase of I ,  with M1I2 is lower for the former polymer. 
(b) PET crystallized from the glassy state and PP crys- 
tallized from the melted state each have a degree of dis- 
order (that is to say a AO/O value) that does not vary with 
molecular weight; consequently the crystalline core 
thickness 1, of each of these polymers is independent of 
molecular weight. It is important to note that for PET, 
1, can be measured directly by WAXS from the width of 
the (105) reflection; such measurements of 1, are inde- 
pendent of M. 

In conclusion, the 1, value of a semicrystalline polymer 
(as opposed to the long period) is an intrinsic parameter 
of the chain, which does not depend on the molecular 
weight. The small increase in the value of 1, with M is only 
due to the increase of disorder of the lamellar structure 
with molecular weight. 

5.3. Thickness 1, of the Amorphous Phase. One 
postulates that the distributions of thicknesses P(1,) and 
P(1,) of the crystalline and amorphous layers are inde- 
pendent, assuming no correlation between two adjacent 
layers (amorphous and crystalline). Therefore, one can 
deduce 1, from the Bragg parameters L and 1, or from the 
dimensions L,,, and l,,, by the relations 

1, = L - 1, (18) 
and 

1, = Lcor - 40, 
In Figure 9 we show the amorphous layer thickness 1, as 
a function of the square root of the molecular weight for 
monodisperse PE. The two different measurements of I ,  
give very similar results, and I ,  is found to obey the linear 
relation 

(19) 
where lo, = 1 2  8, and y = 0.44. The slopes cy and y of the 
curves L(M12), Lcor(M/2), and l,(W/2) are equal. The 

I ,  = I o ,  + yM1I2 

I I I I 
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Figure 9. Amorphous layer thickness I ,  of quenched PE as a 
function of the square root of the molecular weight for mono- 
disperse polymers; 1, is deduced from crystallinity measurements 
and from either the Bragg long period (0) or the long period L,, 
and the crystalline layer thickness I,, is deduced from the cor- 
relation function (0). 

same relation is obtained for polydisperse PE, but as al- 
ready pointed out, M in the above relation is replaced by 
the average value MI. Here we emphasize that the average 
values of I ,  determined from the Bragg long period and 
the correlation long period should in principle be different. 
The fact that these two values are equal (for the same 
molecular weight) has no straightforward explanation. I t  
should be point out that if both L and I ,  are obviously 
overestimated to the same degree, the difference L - 1, 
could approach the real value. 

Despite the systematic errors in the values of L,  L,,, l , ,  
and l,,,, the relation given by eq 19 is of interest, not for 
the determination of the absolute value of the amorphous 
layer thickness but rather for its relative variation with 
molecular weight. For low molecular weight materials (M 
< M,) the value of 1, extrapolates to zero, as expected. 
Oligomers of molecular weight smaller than M, are fully 
extended in the crystalline state, and the crystallinity x 
N 1 does not vary conspicuously with molecular weight. 
Equation 19 applies also for the other semicrystalline 
polymers. The 1, values of PTHF fit the same curve 1,- 
(MI2) drawn in Figure 9 for P E  but are not reported in 
the figure to preserve clarity. 

For PET, the curve l,(iW/2) deduced from the correla- 
tion function is also linear (lo, = 34 A and y = 0.19 in eq 
19). As pointed out in sections 3.5 and 5.2, this polymer 
is especially interesting because the crystalline core 
thickness I ,  can be determined directly from WAXS. For 
this polymer the measurements of 1, and 1, do not involve 
the same assumptions required for PE and PTHF, which 
lead to eq 16. 

Whether the polymer is crystallized from the melted or 
from the glassy state, the scaling law giving the amorphous 
layer thickness versus the molecular weight is the same. 
This conclusion suggests that the linear form L - kcor 7 
Lo + aM112 is valid whatever the cooling rate. This will 
be verified in paper 2.36 

6. Discussion 
The fact that the crystalline and amorphous layer 

thicknesses scale differently with molecular weight (re- 
spectively Mo and MI2) indicates that there are two dif- 
ferent and independent mechanisms that govern the 
morphology of semicrystalline polymers. Up to now, most 
of the experimental and theoretical work on crystallization 
of polymers has been devoted to the crystalline lamellar 
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isomers (see for example ref 73-74) and t the elapsed time 
since the beginning of crystallization of the stem. This 
tension propagates along the chain and is finally exerted 
on the whole chain at the time 

t ,  = P / v ,  @Ob) 

Let us consider now a second lamella crystallizing at  a 
distance L N r from the first one; these two lamellae be- 
long to the same spherulite and have the same growth rate. 
The chain crystallizing in lamella A will be trapped by the 
adjacent crystallite B if the time t ,  

t ,  = r/G (21) 

where G is the growth rate, is smaller than the time t,. In 
this case, tie molecules connecting adjacent lamellae are 
numerous. In the opposite case t, > t,, the chains have 
time to relax, and the crystalline lamellae remain inde- 
pendent. 

Essentially the difference between the two regimes is 
that the amorphous chains linking two lamellae are in an 
equilibrium state in regime 1 and in a nonequilibrium state 
in regime 2. The same difference would exist in the con- 
centration of entanglements in the amorphous layers. It 
is obvious that the kinetics of crystallization and the 
morphology in these two regimes are different; however, 
this will be analyzed in a subsequent paper. The critical 
temperature P, which separates the two regimes, is given 
by the relation t ,  = t,, which gives 

G = rvo/N2 (22) 

For PE, vo N 109-1010 s-l and r = 0.95M12 N 3.4Wl2 A. 
For any molecular weight, G can be written in the form 

G = Go X 10cTo-n (23) 

according to results of Hoffman et al.5fi152 (see in particular 
Figure 3 of ref 52). 

For the (arbitrary) reference temperature To = 129 "C 
and for M = 18000, we find that Go - cm/s = 1 A/s. 

Equations 22 and 23 give 

3 
L t 

I I 
t = O  t=t ,  

Figure 10. Characteristic time envolved in the process of 
crystallization. A Gaussian chain of dimension r is trapped by 
two crystalline lamellae. The chain crystallizes first in A and then 
in B after an average time t ,  has elapsed. During Crystallization 
in A, the reeling-in process produces a stress (and then a dis- 
placement of the chain) that propagates along the chain and 
arrives in B at a time tt. 

thickness and its variation with supercooling. Little at- 
tention has been paid to the variation of the amorphous 
layer thickness. For a given molecular weight and a given 
supercooling (or cooling rate), one must ask what is the 
main parameter and the physical mechanism that limits 
the crystallization and therefore the crystallinity? The aim 
of this section is to propose a mechanism of crystallization 
in which the entanglements and the deformation of the 
amorphous chains play an important role. 

The starting point is the well-known identity between 
the radius of gyration of the coils id the melted and in the 
quenched solid statemg and the identity L - r reported 
here. SAXS and neutron scattering experiments indicate 
clearly that cold crystallization (crystallization at  high 
supercooling) involves rearrangement of only part of the 
chains. Obviously, the entanglement network existing in 
the melted state (or in the glassy state) does not disappear 
during fast crystallization. 

6.1. Description of the Two Regimes of Crystalli- 
zation. It is obvious that for slow crystallization from the 
melted state, or from solution, the amorphous chains stay 
in the ideal configuration when a portion of the chain 
crystallizes; in other words, the melted phase around a 
crystallite maintains its equilibrium structure. During slow 
crystallization, chains disentangle in such a way that the 
concentration of entanglements in the amorphous phase 
stays constant. The effect of chain segregation in poly- 
dispersed polymers and in blends during crystallization 
at  low supercooling is a clear indication that chains di- 
~entangle.*~O At high supercooling the entanglements are 
trapped and one asks then what is the critical supercooling 
rate that separates these two domains? The following 
analysis is different from those advanced by Yoon and 
Florp9 and by Hoffman et al.72 

In the first domain each lamella crystallizes independ- 
ently, while in the second, adjacent crystallites are coupled 
by strained amorphous chains. One can visualize this 
transition between the two regimes from the following 
arguments (see Figure 10). 

During crystallization a chain is pulled from the 
amorphous phase; however, as described by de G e n n e ~ , ~ l  
this phenomenon is not instantaneous, and the tension 
induced in the tail by the growing stem extends up to a 
number of monomers n(t)  along the chain: 

n(t)  - (v,t)'/2 (20a) 

where vo - lo9 s-l is the jump frequency between rotational 

For the molecular weight M = 18000, the critical tem- 
perature T* is in degrees Celsius 

T* = 120 + "/z log N N 125 "C (25) 

which is exactly the measured value that separates the two 
regimes. The exact dependence of P on the molecular 
weight, predicted by eq 22 and 24, is determined by the 
dependence of G on M in the first domain. According to 
the results of ref 70, Go - (M)" where 1 < x I 3/2. 

Therefore, the dependence of T* on the molecular weight 
given by eq 24 is 

T* - ("/z + x )  log N - 3 log N (26) 

This predicts that an increase in M by a factor of 3 in- 
creases the temperature T* by 1.4 "C. This is observed, 
experimentally, when comparing the !P values of PE 
fractions of molecular weight 74 000 and 30 000 with the 
same p~lydispersity.~~ The effect of the polydispersity on 
T* will be analyzed elsehwere. 

In conclusion the criterion expressed by eq 22 gives the 
value of the critical temperature T* separating the two 
different regimes of crystallization and its variation with 
molecular weight. 

The interest of this analysis is that it is not based on 
definitions of the surface free energy and of supercooling 
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(the exact value of the equilibrium melting temperature 
Tmo). In part 2 it is shown that the temperature of crys- 
tallization of quenched PE ( -  120 "C) does not vary sig- 
nificantly with the cooling rate (for cooling rates higher 
than 5 OC/min). This temperature is about 5 O C  below 
the critical temperature T*. In quenched PE, the regime 
of crystallization is obviously regime 2, where the tension 
time tt is greater than the growth time t . In quenched 
PE the chains are obviously trapped by adacent lamellae, 
The effect of molecules which crystallize at two (or more) 
different places is to slow down the growth rate. The 
chains, called tie molecular, are not in their equilibrium 
configuration and the entanglements are trapped in the 
amorphous phase. These two effects can explain the 
correlation law L - r and the finite crystallinity observed 
in semicrystalline polymers. But before discussing these 
effects and the origin of the long period, we turn to the 
physical process that explains the dependence of the 
crystalline core thickness 1, on supercooling. 

6.2. Origin of the Crystalline Core Thickness. A 
great deal of theoretical and experimental work has been 
devoted to the role of secondary nucleation on the limi- 
tation of the thickness I ,  of crystalline lamellae crystallized 
from the melted state and from solution (see, for example, 
ref 50). The limitation of 1, at  high supercooling has also 
been explained by several authors ( R a ~ l t , ~ , ~  Point:' and 
Allegra? All of these models rest on the fact that the 
Gaussian chain, when crystallizing from solution or from 
the melted state onto a crystalline face, has a certain 
probability PF of folding back onto the surface or into the 
bulk. The probability PF is obviously a decreasing function 
of the rigidity C of the chain. The folding of the chain in 
the crystalline state would be an image of the folding of 
the chain in the liquid state just before crystallization. All 
of these theories and models explain the independence on 
1, of the molecular weight distribution. The results re- 
ported in this paper (Figure 10) indicate that the value of 
1, is an increasing function of the rigidity C of the chain 
in the liquid state. The same conclusion WEB reached when 
comparing values of 1, for polymers of different nature 
crystallized from solution (see Figures 6-10 of ref 55)  and 
for PE crystallized from the melted state by quenching at  
different  temperature^.^^,^^ It should be mentioned that 
the limitation of 1, can have several origins. Posthuma de 
Boer and have shown the effect of cross-links 
on the values of 1, in isotropic and stretched networks. In 
melted crystallized polymers, the effect of entanglements 
could also be invoked;? however, this is still a subject of 
debate, and the role of entanglements is not yet clear. We 
emphasize that the different processes of crystallization 
quoted above cannot explain the dependence of the long 
period and of the amorphous layer thickness on the mo- 
lecular weight distribution. 

6.3. Origin of the Long Period and of the Amor- 
phous Layer. We discuss separately the trapping of en- 
tanglements and the deformation of the amorphous chains. 
Both phenomena, leading to a nonequilibrium amorphous 
phase, are, however, not independent if one admits that 
the degree of entanglement depends on the configuration 
of the amorphous chains.6*i62 

(a) Effect of Entanglements. If we assume that the 
crystalline core thickness 1, is fixed by the process of 
crystallization (nucleation theories, fold defects and loops 
along the liquid chain, presence of entanglements), we then 
ask what process limits the long period, i.e., the amorphous 
layer thickness. 

I t  is obvious that when two crystalline lamellae are 
formed, the amorphous phase between them can relax if 
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\ 

; K  
Figure 11. Radial growth of a spherulite. The repulsion between 
two crystalline lamellae is due to two effects: the trapping of 
entanglement in the amorphous phase and the nonequilibrium 
state of the tie chains (see Figure 12). 

their separation is greater than the mean dimension of the 
chains. In that case new lamellae can crystallize in the 
unperturbed amorphous phase. The phenomenon of in- 
terlamellae crystallization is well d o c ~ m e n t e d ~ ~ ~ ~ ' ~ ~ ~ ~ ~  
(Figure 11). 

When two crystallizing lamellae are separated by a 
distance L of the order (or less) of the mean dimension of 
the coils, the chains (i) crystallizing and passing through 
lamellae cannot disentangle. Only chains which end in the 
amorphous layers can disentangle. In that case L 5 r,, 
most entanglements are trapped in the amorphous phase. 
During crystallization the entanglements present in the 
melted phase are rejected from the place where crystalline 
layers are formed and restricted to the amorphous layer. 
Therefore, the density of entanglements in the amorphous 
phase increases. If ne is the concentration of entangle- 
ments in the equilibrium melted phase, then the increase 
Ane in the concentration of entanglements in the amorp- 
hous phase after crystallization of two lamellae separated 
by a distance L is 

where 6 is a function of r lL  that depends on the ability 
of the chain to disentangle during crystallization (the 
chains are assumed to be monodispersed, r = r,). Obvi- 
ously, when two lamellae are separated by a distance L >> 
r,  chains 6 )  in the amorphous phase eliminate their extra 
entanglements and 6 = 0. For the case L N r ,  all the 
entanglements are trapped and we have 6 = 1. As the exact 
form of the function 6 is not important for this discussed, 
we take the simplest form 

6(r /L)  = r / L  

Then the increase in the number of entanglement in the 
amorphous layers after crystallization can be written 

Obviously the trapping of such entanglements would im- 
pede the development of the crystallization for kinetic and 
thermodynamic reasons. 

Kinetic. In the amorphous layer the nucleation and the 
growth of new crystalline lamellae would be slowed down 
or even stopped. The effects of cross-links and entangle- 
ments on the growth rate is well-known. 

Thermodynamic. As the concentration of entangle- 
ments in the amorphous phase between crystalline lamellae 
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chains are fixed by multinucleation onto the same crys- 
talline lamella and therefore do not predict the observed 
scaling laws. 

Let us focus our attention on an amorphous chain which 
crystallizes at two different places M'and N'of the growth 
front of the spherulite, L being the local long period and 
the mean distance between the two nuclei along the chain. 
After crystallization of the two stems, the new tie points 
M"and N"of the amorphous chains on the two distinct 
lamellae are now separated by a distance r = L - 1,. This 
portion of the chain has N - n, = L2/Ca2 - &/a monomers 
(C is the rigidity, n, the number of monomers per stem) 
and its equilibrium dimension is ro = [C(N - n , ) ~ ~ ] ' / ~  = 
(L2 - C1,a)'/2. As ro approaches r ,  the amorphous chain 
is compressed between the two crystalline lamellae as 
shown in Figure 12. The entropy of confinement of such 
a coil is 

Figure 12. Entropic repulsion between crystalline lamellae in 
a semicrystalline polymer. A Gaussian chain (MN)  at the be- 
ginning of crystallization becomes squeezed (M'N? at the end of 
crystallization if t ,  < tt. 

is not the same as that in the equilibrium melted phase, 
one postulates that to each entanglement that has migrated 
from the crystalline to the amorphous layer must be as- 
sociated a free energy AF,. This energy can have two 
origins: (a) each additional entanglement can be visualized 
as a junction point where the density is locally greater than 
the equilibrium density of the melted phase; (b) each en- 
tanglement reduces the entropy of the chain. 

The free energy per unit volume is then 

Minization gives (for L > 1,) 

r 
r - -  L - n e - -  AH AT AT 

@e p m  

This process could explain the observed correlation law 
L - r and the well-known variations of L with the su- 
percooling AT. Obviously this analysis is only valid for 
ne # 0, that is to say for entangled polymers of molecular 
weight M > Me. 

Finally the first term in eq 28 indicates that when two 
lamellae crystallize, there is a repulsive force dAF/dL for 
r / L  < 1; this is in agreement with the radiating form of 
spherulite and with the interlamellar crystallization process 
reported (Figure 11) by Strobl et a1.26b and  other^.^,^^ 

However, this phenomenological description rests on the 
assumption that entanglements are well-defined entities 
and this very likely not true.61se2 Moreover from this de- 
scription one cannot predict the order of crystallinity for 
high molecular weight. In the following section we show 
that the increase in the free energy (first term in eq 28) 
during crystallization can come from the deformation of 
the amorphous chains. 

(b) Deformation of the Amorphous Chains during 
Crystallization. It  is well-known that during the crys- 
tallization of an extented network the applied stress re- 
laxes; in this process the extended amorphous chains come 
back to their unperturbed c ~ n f i g u r a t i o n . ~ ~ , ~ ~  Conversely 
we think that during the crystallization (in regime 11) of 
an isotropic polymer the amorphous chains are squeezed. 
This process is illustrated in Figure 12 and is somewhat 
different from that given by other a ~ t h o r s . ' ~ - ~ ~  These 
authors have assumed that the tie points of the crystal- 
lizing chains are not located on the same growth front; 
consequently the amorphous chains between the crystalline 
lamellae are defomred in a n  oblate shape (extended con- 
formation). All these theories assume that the ends of the 

and the free energy per unit volume of the system is 

AF, being the enthalpy of crystallization per volume, a3. 
For simplification one assumes that the monomer has a 
cubic shape a = b = c E 1 A. 

The linear crystallinity being x = 1,/L and noting that 
L2 >> l,a, the above relation becomes 

M a 3  a x  
K T  
- -  - -x9 + - - 

4 (1 - x)2 

The dimensionless parameter 9 = M,a3/KT = AHAT/ 
KTTmo)a3 for a supercooling AT E 20 OC is of the order 
of 0.1 .49,52 

Derivation of the above equation with respect to x gives 
(with 1, N 100 A, a - 1 A) 

I C  

(1 - X I 3  (1 - X Y  a 
9- - 10 (33) 

1 +-= ... + ~ 

2% 

whose solution is x N 0.5. Thus the long period L is about 
twice the value of the crystalline core thickness. 

Obviously, the derivation of eq. 33 involves numerous 
assumptions: 

(a) The crystalline lamellae that nucleate at a distance 
L << M112 have the same growth rate. 

(b) The chains crystallize at several places located in the 
growth front and at a separation of the order of L, the long 
spacing. When the distance between tie points is greater 
than L (and/or not located on a same growth front), the 
chains are not squeezed but stretched: this case has been 
analyzed by several I t  must be remarked that 
these authors have minimized the free energy per chain 
with respect to I,. In our analysis the situation is rather 
different; the crystalline core thickness I ,  is constant (as 
noted in section 6.2) and the free energy (eq 31 or 32) is 
minimized with respect to L (or x). In both cases, during 
crystallization the free energy term due to the entropy lost 
by the confinement of the chains increases and this limits 
the crystallinity. The assumption of squeezed amorphous 
chains is in agreement with the neutron scattering ex- 
periments of Guenet and Picot.s1 

(c) The Gaussian statistic applies and the first term in 
eq 30 is assumed negligible (ro >> r ) .  It  must be recalled 
here that some type of confmement according to de Gennes 
does not cost entropy.82 
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tween these two series of polymers is not yet understood. 
(c) The interface between crystalline and amorphous 

layers is sharp and independent of the molecular weight 
distribution. This conclusion does not rule out the fact 
that a transition zone having a density gradient can exist 
in the amorphous layer. 

(d) The crystallinity is a linear function of l/rw and its 
extrapolates to 1 for a molecular weight of the order of the 
critical mass between entanglements. 

(e) The crystalline core thickness deduced from the 
measurement of L,  and x or from the width of the WAXS 
peak (PET) is independent of the molecular weight dis- 
tribution. The amorphous layer thickness 1, = L,,, - 1, is 
then a linear function of r, = M,'12. From the assertions 
made in a, d, and e, we conclude that the presence of the 
amorphous phase in a semicrystalline polymer is due to 
the presence of entanglements in the melted phase prior 
to crystallization. 

The origin of the correlation law L - 1 ,  - rw = MI1/' 
is explained by the following arguments. 

During crystallization, crystalline lamellae of constant 
thickness 1, - W ,  separated by a distance greater than 
the mean dimension r, of the coils, nucleate and grow 
without interaction. When this distance is approximately 
equal to rw (or less), the two crystalline lamellae are in 
interaction via the connecting amorphous chains. During 
the process of crystallization the amorphous chain is 
submitted to a tension that propagates along the chain in 
a time tt. If this time is greater than the mean growth time 
tG = r / G ,  the amorphous chains cannot relax during the 
crystallization process and the entanglements and 
amorphous chains are not in an equilibrium state. I t  has 
been shown that the relation t ,  = t G  defines the critical 
supercooling rate that separates the two regimes of crys- 
tallization. In quenched polymers with t ,  > tG, the crys- 
tallization is therefore limited by the distortion of the 
amorphous phase. In the free energy of the crystallizing 
system, we have taken into account the energy of defor- 
mation (entropy term) of the amorphous chain (eq 32) and 
an energy term proportional to the excess of entanglements 
(eq 28) occurring in the amorphous phase. The balance 
between the enthalpy of crystallization and the energy of 
deformation of the amorphous layers explains the corre- 
lation law L - I ,  - r ,  the variation of L with supercooling, 
and the order of magnitude of the crystallinity for high 
molecular weight materials (PE). 

The relationship between the morphological parameters 
of the semicrystalline structure (L, la, AL/L, AOlO) and the 
weight-average dimension of the coils in the melted state 
before crystallization is explained neither by the kinetic 
theories of crystallization nor by the model of crystalli- 
zation, which assumes short-range order in the melted 
~ t a t e . ~ ~ ~ ~ ~  
List of Symbols 
a monomer length 
C 
F 

G 
Ib) 
K(z )  nonnormalized correlation function 
4 
40, 

rigidity, characteristic ratio of a polymer chain 
fold configuration along a polymer chain in the 

growth rate of the crystalline lamellae 
SAXS intensity scattered in direction s 

crystalline layer thickness deduced from the Bragg 

crystalline layer thickness deduced from the cor- 

amorphous layer thickness 
long period deduced from the Bragg peak 
long period deduced from the correlation function 
long period deduced from the paracrystalline 

liquid state 

analysis 

relation function z 
L o 1  

LP analysis 

(d) The density difference between the two layers cannot 
be explained if one assumes that every chain crystallizes 
according the described process. As has been recognized, 
the drawback of the switchboard model is that it leads to 
a very high density in the amorphous phase.83-86 Obvi- 
ously, all the chains are not squeezed as sketched in Figure 
11; dangling chains and chains that have segregated during 
crystallization can have their unperturbed conformation, 
and folded chains and extended amorphous chains can also 
occur. The presence of two types (at least) of amorphous 
chains in semicrystalline PE has been confirmed by 
NMR88*89 and by Raman scattering.w Thus the entropy 
term in eq 31 must be multiplied by a coefficient equal to 
the proportion of tie molecules in a squeezed conformation. 
It can be seen, however, that a proportion of one-third of 
tie molecules, the expected value given by several authors,% 
does not change tremendously the value of x deduced from 
eq 33. In the above models we have implicitly postulated 
that the density difference Ap = p, - pa between the 
crystalline and amorphous phases is reduced by other 
processes such as the diffusion of some chains and the 
presence of folds. Polymers with very different values of 
Ap [positive in general but negative for poly(bmethy1- 
pentene-1); see, for example, ref 501 have the same lamellar 
arrangment; therefore, we think that the difference in 
density is not the main parameter that controls the mor- 
phology of the semicrystalline state. In our view, the 
phenomenon of chain folding does not play an essential 
role in the explanation of the lamellar arrangement of 
semicrystalline polymers obtained by rapid cooling. 

Despite these assumptions, eq 33 gives a good estimate 
of the limiting crystallinity (and of L )  obtained for high 
molecular weight PE. The fact that the amorphous phase 
is structurally different from the bulk melted phase has 
been recognized by Manfield% and Guenet et a1.81 We 
emphasize, however, that this crude model cannot explain 
the dependence of the long period on the molecular weight. 
A complete theory should take into account both the ef- 
fects of chain deformation (eq 30) and the variation of the 
concentration of entanglements in the amorphous phase 

7. Conclusion 
For semicrystalline polymers crystallized from the 

melted state by quenching or from the glassy state by 
annealing above T , the weight-average dimension of the 
coils (r ,  = ~ w & f $ $  is the main parameter that controls 
the long period, the fluctuation of the long period, the 
amorphous layer thickness, and the crystallinity. Only the 
crystalline core thickness is independent of the molecular 
weight distribution. We summarize the major experi- 
mental findings: 

(a) The long periods L ,  L,,, and L given by the Bragg, 
correlation function, and paracrystahne analysis are, for 
all the polymers studied, linear functions of r, (eq 2,8,12). 
These functions extrapolate to a value approximately equal 
to the value of the Crystalline core thickness 1, for molecular 
weight of the order of M,, the critical mass between en- 
tanglements. The master curves L(M,) and L,,(M,) can 
be used to measure with high accuracy the molecular 
weight M, of polymers. The difference in L values between 
polymers of different nature but the same molecular weight 
comes from the difference in rigidity of the chains, as is 
expected from the correlation law L - r,. 

(b) The disorder in the lamellar arrangment measured 
by the relative width AOlO of the SAXS peak is propor- 
tional to L - L,,, (eq 8b) and to L - Lp (eq Ilb).  I t  is a 
linear function of the molecular weight M ,  for P E  and 
PTHF and constant for PP and PET; this difference be- 

(es 27). 
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values of the Gaussian distribution functions 
P(L),  f'(41, P( la )  

molecular weight between entanglements 
molecular weight of a chain having Ni monomers 
number-average molecular weight 
r-average molecular weight 
weight-average molecular weight 
number of links per chain or per portion of chain 

number of atoms per stem in the crystalline state 
concentration of entanglements in the equilibrium 

distribution function of the thickness 1 
SAXS intensity invariant 
end-bend distance of a chain in the unperturbed 

end-bend distance of a chain in a perturbed state 
weight average of the end-to-end distance of the 

scattering vector 
melting temperature of an infinitely thick crystal 
crystallization temperature 
time necessary for a tension due to crystallization 

time for a crystalline lamella to advance over a 

slopes of the curves L(W/2), Lcor(M/2), and 

slope of the curve ~ ,X(W/~)  
slope of the curve la(M/2) 
normalized correlation function: Fourier transform 

slope of the curve A e / e ( W 2 )  
scattering angle 
electronic density of the crystalline and amorphous 

layers 
mass concentration of chain of mass Mi 
crystallinity 
fluctuation of the thickness li of a layer of type i 
free energy gained by crystallization 
enthalpy of crystallization per unit volume 
difference in the concentration of entanglements 

between the melted and the amorphous phase 
of the semicrystalline state 

supercooling Tmo - T, 
density difference between crystalline and amor- 

phous phases 
relative width of the SAXS intensity peak 

located in the amorphous phase 

melt 

State 

coils in a polydispersed polymer 

to propagate along the chain 

distance ro 

L,(W/? 

of I ( s )  

Registry No. PE, 9002-88-4; PET, 25038-59-9; PTHF,  
24979-97-3; P T H F  (SRU), 25190-06-1; PP, 9003-07-0. 
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ABSTRACT: The Dow Chemical Co. has developed an interesting new class of perfluorosulfonate ionomers 
(PFSI's). We have conducted a broad-based investigation of the supermolecular structures of these PFSI's. 
Small-angle X-ray scattering data showed that the Dow PFSI's contain ionic clusters. The sizes of these clusters 
vary with equivalent weight and water content. Wide-angle X-ray diffraction and differential scanning 
calorimetry demonstrated that PFSI's with equivalent weights greater than ca. 800 g/mol are partially crystalline. 
The extent of crystallinity increases with equivalent weight. Surprisingly, the melting point of the Dow PFSI's 
varied only slightly with equivalent weight. This suggests that  these are block-type copolymers. We have 
also developed dissolution and solution-casting procedures for a wide range of equivalent weights of these 
PFSI's. 

Introduction 
Perfluorosulfonate ionomers (PFSI's) are cation-con- 

ducting polymers with good chemical and thermal sta- 
bilities.14 These polymers have been used in a variety of 
electrochemical processes and devices including chloralkali 

fuel cells,s water electrolyzers,6 and polymer-mod- 
ified electrodes.'-12 The Nafion polymers (Du Pont, 
structure I) have been the most extensively studied PFSI's. 

-I(CFzCFz)dCFz 01, F -I(CFzCFz)ACFzCF)I~ 

I 
OCF2CF$O,H 

I 
W FzCFCF, 

It n = 3&10 OCFZCFZSO~H 

I; n = 6.6 

Recently, the Dow Chemical Co. has developed a new class 
of PFSI's. The Dow PFSI's (structure 11) contain a shorter 
side chain than the Nafion polymers. We have obtained 
samples of various equivalent weights of the Dow polymers, 
and we are evaluating the performances of these polymers 
in fuel-cell appli~ations. '~J~ In support of this work, we 
have conducted fundamental investigations of the solu- 
bilities and the chemical and morphological properties of 
the Dow PFSI's. We report the results of these and related 
investigations here. 

Current address: Department of Chemistry, McGill University, 
801 Sherbrooke Street West, Montreal, Quebec, Canada H3A 2K6. 

Table I 
Dissolution Conditions for the Na+-Form Dow PFSI's 
equiv w t  time, h temp, "C solvent 

635 1 250 ethanol-water 
803 3 250 ethanol-water 
909 3 250 ethanol-water 

1076 3 275 ethanol-water 
1269 3 300 1-propanol-water 

Experimental Section 
Materials. H+-form PFSI membranes, having equivalent 

weights of 635,803,909,1076, and 1269 g/mol of -SO3- sites, were 
obtained from the Dow Chemical Co. The as-received membranes 
were refluxed in 8 M HN03  (for ca. 24 h) to  remove discoloring 
impurities. The membranes were then converted to the Na+ form 
by soaking overnight in 1 M NaOH. Excess NaOH was removed 
by thoroughly rinsing the membranes with purified water. 
Ag+-form PFSI was prepared by soaking the membranes in 1 M 
AgN03 for 24 h. Quenched Na+-form PFSI samples were prepared 
by heating the membranes, in a muffle furnace (350 "C), and then 
rapidly cooling in liquid N,. 

Ins t rumenta l  Methods. The wide-angle X-ray diffraction 
(WAXD) studies were conducted on dry, Na+-form membra ne^.'^ 
Differential scanning calorimetry (DSC) data were obtained as 
described previ0us1y.l~ Small-angle X-ray scattering (SAXS) 
experiments were performed using the Oak Ridge National 
Laboratory 10-m SAXS system with a 2-dimensional position- 
sensitive proportional counter. The rotating anode X-ray source 
was operated at 40 kV and 60 mA. SAXS analyses were performed 
on hydrated, Na+-form and dry, &+-form PFSI membranes. The 
Na+-form PFSI samples were hydrated by boiling in water for 
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